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Abstract

The aim of this paper is to shortly review the experimental observations and the theoretical understanding of the
fracture behaviour of tungsten in the brittle and semi-brittle regime. Advances in the understanding of the mechanisms
of fracture processes are made by direct comparison of microscopic modelling and carefully designed experiments.
While atomistic simulations are needed to analyse the brittle fracture regime, dislocation simulations are helpful in
analysing the dependence of the intrinsic fracture toughness on pre-deformation, temperature or loading rate in the
semi-brittle regime below the brittle-to-ductile transition (BDT). By such comparison of fracture experiments on
tungsten single crystals with simulations it is shown that dislocation nucleation is the limiting factor at low tempera-
tures, while the dependence on loading rate at intermediate temperatures requires that dislocation mobility takes
control. Furthermore, it is shown that the intermediate temperature regime up to the BDT temperature scales with one

unique activation energy. At last the results are compared to selected data on polycrystalline tungsten.

© 2003 Elsevier B.V. All rights reserved.

PACS: 62.20.Mk; 61.72.Lk

1. Introduction

The fracture behavior of single and polycrystalline
tungsten is characterized by a pronounced brittle-to-
ductile transition (BDT) [1-4]. In the low temperature
regime, single crystals show cleavage mostly on the low
index {100} and sometimes on the {1 10} planes [5]. At
intermediate temperatures fracture toughness increases
with increasing temperature or decreasing loading rate
due to increasing plastic deformation near the crack tip
[2]. Theoretical understanding of fracture processes is
still rather poor because fracture is a phenomenon which
spans many different length scales. The geometry of the
specimen and its macroscopic dimensions determine the
strength of the stress concentration at the crack tip and
are equally important as the microstructure of the ma-
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terial which provides preferred fracture paths. Even the
atomic length scale is obviously of importance in the
case of brittle fracture, since the crack in a perfectly
brittle material moves by breaking individual atomic
bonds and must be atomically sharp at its tip. In the
semi-brittle regime, the intrinsic brittleness is covered
by blunting and shielding of the crack. The fracture
toughness of semi-brittle materials as well as the BDT
temperature are determined by the competition between
the bond-breaking at the crack tip and the mechanisms
that govern the crack tip plasticity. A detailed under-
standing of both of these processes is therefore required
to better control materials response with respect to the
BDT.
The following chapters will address the questions:

(1) Why is the {100} plane the preferred cleavage plane
of tungsten single crystals?

(2) What are the processes limiting fracture toughness
in the semi-brittle regime?

(3) Is fracture toughness linked with the temperature
dependence of the flow stress or does it obey another
scaling behavior?
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(4) Can this information gathered on single crystals be
transferred to polycrystalline tungsten?

2. Preferred cleavage planes of tungsten single crystals

Cleavage fracture of elastically (almost) isotropic
tungsten single crystals has already been studied quite
extensively [2,5-9]. Like other bcc-metals, tungsten pri-
marily cleaves on the {100} cleavage plane at room
temperature and below [5,9]. On this plane cracks
propagate easily in (011) direction, i.e., with a (011)
crack front. This is seen from the direction of the river
lines as well as from the somewhat lower fracture
toughness of the {100} (011) crack system (crack
plane, crack front direction) as compared to the {100}
(010) crack system [9] (see Table 1).

The secondary cleavage plane, the {110} plane,
shows an even more pronounced anisotropy. Again the
crack with a (110) crack front has a significantly lower
fracture toughness than a crack with a (001) crack front
[9]. These two crack planes appear to be the only true
cleavage planes of tungsten, although occasionally there
are reports of somewhat imperfect {211} cleavage facets
[8].
Table 1 shows the measured fracture toughness for
all four low index cleavage systems at room temperature
and below. While the fracture toughness at liquid ni-
trogen temperature is similar in magnitude for both
cleavage planes, the {110} cracks show much higher
toughness at room temperature. Closer investigation
also displays several {100} cleavage facets in the frac-
ture surfaces of the room temperature {110} specimens
[9].

Confronted with the question to predict the favorable
cleavage planes of tungsten, one first resorts to the
treatment of Griffith, which states that the crack driving
force must be larger than the material resistance against
fracture. The crack driving force is identified with the
energy release rate G and can be obtained from elasticity
theory [10].

Accordingly, surfaces with the lowest surface energies
should appear as favored cleavage planes. The pre-

dominant occurrence of {100} cleavage in tungsten can
certainly not be explained on this basis, because the
close packed {110} plane has a markedly lower surface
energy than {100} and {211} planes [11]. Since the
Griffith criterion can only be regarded as a necessary
condition and not as a fracture criterion it is certainly
useful to investigate the atomic bond breaking process in
more detail.

Before doing so, it is worth mentioning that previ-
ously the plastic relaxation around differently oriented
crack tips was held responsible for the preference of the
cleavage plane [12]. Specifically for the bcc-transition
metals, {100} planes should be favored as cleavage
plane over {110} planes because of the less favorably
oriented glide systems. Qualitatively, this point of view
would seem to be supported by the room temperature
data as shown in Table 1. However, the temperature
dependence of the fracture toughness clearly shows, that
this argument cannot hold at 77 K. The level of fracture
toughness is similar on both planes for cracks with a
crack front along the (110) direction.

From an atomistic point of view, one identifies the
materials resistance against fracture with the forces
needed to break the crack tip bonds successively. In the
simplest continuum analogy for the bond breaking, the
increase in total surface energy I' for crack extension
from one bond to the next would not be characterized by
a linear increase, as assumed in the Griffith criterion, but
by a stepwise increase upon breaking of the bond. Such
a stepwise increase immediately leads to a finite range of
loads, and correspondingly a finite range of stress in-
tensity factors for which the crack remains stable and
does not move [13]. Atomistic studies of fracture [14,15]
showed that the discrete bond breaking event does in-
deed manifest itself in such a finite stability range called
lattice trapping.

This lattice trapping has been predicted to lead to an
anisotropy with respect to the crack propagation direc-
tion [15]. Such an anisotropy is now well established for
silicon [16] but also occurs in tungsten. The data calcu-
lated atomistically for the lattice trapping anisotropy
[15] on the basis of the Finnis—Sinclair potential for
tungsten [17] are included in Table 1.

Table 1
Fracture toughness of pre-cracked tungsten single crystals for the {100} and {110} cleavage planes with different crack front di-
rections

Crack system RT experiments 77 K experiments Atomistic modeling BDTT

{100} (010) 8.7+2.5 34%0.6 2.05 470

{100} (O11) 6.2+1.7 24+0.4 1.63 370

{110} (001) 20.2%5.5 38104 2.17 430

{110} (110) 129+2.1 2.8%+0.2 1.56 370

Data at room temperature and at liquid nitrogen temperature are mean values and standard deviations from at least five individual
measurements at almost constant loading rate of 0.10 +0.02 MPam'/?s~!. Atomistic modeling results are from [9]; BDT temperatures

are from [2]; fracture toughness is given in MPam!/?,
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It remains to ask how an anisotropy in lattice trap-
ping actually can bias one cleavage plane over the other.
At first, one could expect both planes to be similarly
suitable as cleavage planes because both have one easy
crack propagation direction. However, there is an im-
portant difference between the two cleavage planes in the
number and orientation of the easy propagation direc-
tions. The availability of four orthogonal easy directions
on the {100} crack plane is probably the major cause
for its predominance as a cleavage plane. An arbitrarily
oriented crack front will always find a vehicle of one or
two easy propagation directions and will always exert a
significant driving force along the easy directions. In
contrast, an arbitrarily oriented crack front on the
{110} plane will encounter only one easy propagation
direction and it will not be able in general to follow it for
more than a short distance until it is elongated along a
crack front perpendicular to a tough propagation di-
rection which requires a significantly higher driving
force.

3. Semi-brittle fracture and the BDT

Crack tip plasticity, essential for semi-brittle fracture
and the BDT in tungsten, comprises two distinct pro-
cesses, nucleation of dislocations at or near the crack tip
and the propagation away from the crack. Several
models for the BDT describe it as a nucleation-con-
trolled event [18,19], and others focus on dislocation
mobility as the controlling factor [20-22]. The temper-
ature at which the BDT occurs [BDT temperature
(BDTT)] is strongly dependent on the strain rate, which
allows an activation energy for the BDT to be deter-
mined. For various other materials this activation en-
ergy has been shown to be equal to that for dislocation
motion [20,21,23], which suggests a mobility-controlled
BDT. On the other hand, specimen size and the avail-
ability of dislocation sources have a pronounced influ-
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ence on the fracture toughness to the degree that they
may even switch the material’s behavior from brittle to
ductile [24], which supports a nucleation-controlled in-
terpretation.

Tungsten single crystal fracture experiments have
been performed to determine the characteristics of the
fracture toughness below the BDTT and the controlling
factors of the BDT [2]. Fracture toughness tests were
performed on pre-cracked specimen of four low-index
crack systems (Fig. 1). The temperature range covered
by the experiments was between liquid nitrogen tem-
perature (77 K) and 650 K. The tests were performed
with a constant loading rate. With small variation in the
length of the pre-crack this translates into an almost
constant stress intensity rate of 0.10+0.02 MPam'/2s~!.
More details of the experimental procedure are given in
[25]. Macroscopically, the transition from brittle to
ductile response usually correlates with the maximum in
fracture toughness. The temperature at this maximum
was taken as the BDTT and was determined within 30—
60 K (Table 1). The so-defined BDTTs fell into an in-
terval of 100 K for all four crack systems, even though
both {110} crack systems had a significantly higher
room temperature fracture toughness than the {100}
systems (Table 1).

In tungsten, dislocations penetrating the fracture
surface can be made visible by chemical etching with an
aqueous solution of K;Fe(CN)s and NaOH [26]. This
process is highly anisotropic and gives best results on
tungsten {100} surfaces, whereas no etch pits are pro-
duced on {110} surfaces [27]. Dislocation etch pits on
the {100} (010) fracture surface produced at 77 K re-
veal the activity of only a few discrete dislocation
sources at the arrest line of the pre-crack [2]. In contrast,
after fracture at room temperature, dislocation etch pits
show a very dense population of dislocation sources
along the crack front. The length of the dislocation
traces emanating from these sources, however, is only
slightly greater than in the low-temperature fracture. A
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Fig. 1. Temperature dependence of fracture toughness of tungsten single crystals for the four low index crack systems. Results for
{100} fracture surfaces are displayed in the left frame, and those for {110} fracture surfaces are shown in the right frame. The (001)
crack front is indicated by circles and the (011) front is indicated by triangles in both cases.
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high density of dislocation sources along the crack tip is
necessary to produce global shielding of the crack tip,
because the zone of effective shielding may be localized
around a source [28]. Only when this global shielding is
achieved does the size of the plastic zone, and thus dis-
location mobility, become important.

Evidence for the importance of the number of active
dislocation sources can be obtained from experiments on
pre-deformed samples where the pre-existing dislocation
density and the availability of dislocation sources is in-
creased before toughness testing. Specimens with a
{100} (010) crack system were deformed by compres-
sion along the (110) axis at 400 °C to a plastic strain of
gp = 0.1 before pre-cracking. At low temperatures the
pre-deformed specimens are significantly tougher than
the undeformed specimens (Fig. 2). However, their
fracture toughness remains almost constant, increasing
only marginally up to 370 K. Above this temperature a
drastic increase in fracture toughness is observed. The
BDT occurs at about 470 K, which is 100 K higher than
in the undeformed material. The only reasonable ex-
planation for the increase of low temperature fracture
toughness with pre-deformation is that pre-existing dis-
locations in the highly stressed vicinity of the crack tip
act as sources for dislocations, which provide more ef-
ficient shielding.

At intermediate temperatures, the beneficial effect of
the pre-deformation vanishes and the fracture toughness
of the pre-deformed specimens is lower than that of the
reference specimens. This is attributed to the increased
yield strength and lower dislocation mobility produced
by work hardening. The reduced dislocation mobility
will not only decrease the fracture toughness but must
also be expected to shift the BDTT to higher tempera-
tures. These observations strongly indicate that the BDT
is controlled by dislocation mobility.
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Fig. 2. Temperature dependence of fracture toughness for pre-
deformed samples (circles) compared with undeformed refer-
ence samples (triangles). Filled symbols give stress intensity
factors; open symbols are maximum stresses at failure for
ductile behavior (normalised by the crack length).
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Fig. 3. Fracture toughness measured on tungsten samples with

(011) [100] crack system in pre-cracked (circles) and notched
(triangles) specimens.

At low temperatures, dislocation nucleation is the
limiting process because of the scarcity of active sources.
When the temperature is sufficiently high to activate a
large number of sources or if the number of active
sources is increased by pre-deformation, dislocation
mobility assumes control of the nucleation rate, and the
fracture toughness becomes rate dependent. The loading
rate dependence of the fracture toughness of tungsten
can be interpreted in terms of dislocation processes and
is discussed in the next chapter. However, detailed
quantitative understanding of the fracture toughness
itself and its dependence on the crystallographic orien-
tation of the cleavage system is still lacking.

Fracture toughness of tungsten single crystals so far
was only reported here for specimens with sharp pre-
cracks induced at liquid nitrogen temperature using a
sophisticated bridge technique [25]. Fracture toughness
determined in this way is significantly lower than
toughness determined from fatigue pre-cracks or sawn
notches. As an example, the temperature dependence
and the BDT of the {011} (100) crack systems in
tungsten is shown in Fig. 3 both for a sharp pre-crack
and a sawn notch with a radius of curvature at the tip of
approximately 100 um. Compared to the sharp cracks,
the blunt notch results in a higher apparent fracture
toughness at low temperature because the stress con-
centration at the crack tip is less pronounced. It also
results in a decrease of the BDT temperature. This de-
crease is of course even more pronounced in unnotched
specimens which can be deformed in tension down to
liquid helium temperature without fracturing [29].

4. Strain rate dependence
Both the BDTT and the fracture toughness in the

semi-brittle regime exhibit a pronounced dependence on
loading rate. At constant temperature, polycrystalline
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Fig. 4. Fracture toughness K;; of pre-cracked tungsten single
crystals as a function of temperature 7 for different loading
rates K (MPam!/2s™!). Filled symbols give stress intensity
factors; open symbols are maximum stresses at failure for
ductile behaviour (normalised by the crack length). The crack
system specified by the nominal crack plane and the crack front
direction was {110} (110). (Triangles, K = 0.1 MPam'/?s™';
squares, K = 0.4 MPam'/2s™!; circles, K = 1.0 MPam!/2s~").
Data taken from Ref. [2].

tungsten can change from brittle fracture to ductile re-
sponse as the shear rate is decreased [30,31]. Corre-
spondingly the BDTT has been found to increase for
increasing strain rate [32]. Probably the most detailed
information on the loading rate dependence is available
for {110} cracks in tungsten single crystals with nominal
(110) crack fronts [2]. Except for 77 K, where loading
rate does not change the measured fracture toughness, a
higher loading rate always lowers the fracture toughness
(Fig. 4) at higher temperatures. At room temperature,
the fracture toughness decreases linearly with the loga-
rithm of the loading rate from 16 to 6 MPam'/? when the
loading rate is increased from 0.04 to 6 MPam'/?s~!.
Furthermore, the BDTT occurs at similar stress levels
and increases significantly with the loading rate. In an
Arrhenius plot (log K versus 1/BDTT), all values fall on a
straight line, yielding an activation energy for the BDT in
tungsten of Oppr ~ 0.2 eV.

Discrete dislocation dynamics simulation of crack tip
plasticity [33,34] have shown that the dependence on
loading rate can directly be linked to the strain rate
dependence of the plastic relaxation around the crack
tip. Using the Orowan law

&(t, T) = bpVa(r, T), (1)

the plastic relaxation rate ¢ is directly connected with the
velocity law of the dislocations via the dislocation den-
sity p and the Burgers vector b. In the simplest and most
approximate form, the mobility of the dislocations is
described by an Arrhenius type law of the form [35,36]

e 1) =a( £ e (-2, )

where the dislocation velocity V3 depends on the re-
solved shear stress 7, the stress exponent m, the tem-
perature 7 and the activation energy Q4. The parameter
A is a pre-exponential factor with the units of a velocity;
179 = 1 MPa simply fixes the units of the stress. The
Boltzmann constant is denoted with kg.

The strain rate and temperature dependence of the
fracture toughness that is obtained from the numerical
simulations reflects all the non-linearities of the ther-
mally activated motion of many dislocations in the field
of the crack. However, simulations in which an equal
number of dislocations is emitted show practically the
same fracture toughness, just like the experimentally
determined fracture toughness always assumes a similar
value at the BDTT. This means that loading rate and
temperature are strongly correlated at points of constant
fracture toughness and obey a scaling relation which
leads to one unique master curve for the temperature
dependence of the fracture toughness.

An implicit formulation of this scaling relation be-
tween the loading rates K; and the temperatures 7}, at
which a given fracture toughness K. is reached, reads:

Keit(Ki, T;) = constant. (3)

It is evident that this equation cannot be fulfilled for
every K in the set of results if K; and 7} are unrelated.
The relation between these two quantities is the desired
scaling relation, for which a simple Arrhenius ansatz
gives:

. -1
7,— |t 1n1.<1+1] , (@)

Usczlling K2 T 1

where Usaiing 1s the activation energy of the relevant
process.

Provided this scaling law is valid, every 7-K;; curve
obtained for the loading rate K can be transformed into
a T-K.y curve for the loading rate K, through an ap-
propriate scaling of the temperature axis. This scaling
behavior can thus be used to obtain a value for the
apparent activation energy for the crack tip plasticity.
Fig. 5 shows that the experimentally determined fracture
toughness of tungsten single crystals displayed in Fig. 4,
scales, according to Eq. (2), over the entire temperature
range where dislocation motion is assumed to control
fracture toughness. The scaling of the experimental data
gives an apparent activation energy of Uscaiing = 0.19 V.

This activation energy is far too low to be reconciled
with the activation energy for bulk plasticity. In the
entire temperature regime of the present investigation,
bulk plasticity in tungsten is believed to be controlled by
the mobility of screw dislocations (see, for example
[29,37,38]). The activation energy for the glide of these
dislocations is Qsew = 2 €V [38] and is therefore about
one order of magnitude higher than Usyjin,. While a
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Fig. 5. Experimental data on tungsten single crystals from Fig.
3 in a fracture toughness—temperature plot with rescaled tem-
perature axis. The basis loading rate is K, = 0.1 MPam'/2s~';
all loading rates given in the key are in units of MPam!/2s~!.
The apparent activation energy of crack-tip plasticity has been
determined to be U, = 0.19 eV.

strong stress dependence could decrease the effective
Oscrew to somewhat lower values, it does not seem
plausible that it is decreased by a full order of magnitude
and within the entire low temperature regime. Simula-
tions with more sophisticated mobility laws [34] indeed
confirm that the effective decrease is by far not large
enough to explain this discrepancy. Consequently, it is
concluded that crack tip plasticity and bulk deformation
cannot be controlled by the same mechanisms. It could
now either be argued that crack tip plasticity is entirely
dominated by processes at the very tip of the crack,
where the stress fields are sufficiently high to effectively
reduce the Peierls barrier for the screw dislocations,
which also does not appear to be an appealing expla-
nation, or the mobility of non-screw dislocations, but
not the mobility of the screw dislocations, is controlling
the fracture toughness in the semi-brittle regime blow
the BDT. Since the non-screw dislocations provide all
the shielding to the crack tip, this observation is cer-
tainly worth further investigation. In any case, the de-
tails of the crack tip sources and dislocations
multiplication processes near the crack tip need to be
studied further to answer the question whether they can
provide enough non-screw dislocations to produce suf-
ficient shielding and blunting of the crack tip to induce
the transition to ductile behavior.

A practical use of the derived scaling relation is that
for a given material the fracture toughness in the semi-
brittle regime and the BDT can be predicted for different
temperatures and loading rates. This requires the
knowledge of a fracture toughness-temperature-curve
for a single loading rate and the apparent activation
energy for crack-tip plasticity, which can be derived
from single experiments for at least two different loading
rates. Such a model-based extrapolation of experimental
data can in principle save quite a large number of ex-

periments and, moreover, the fracture toughness can be
predicted for temperatures or loading rates that are not
easy to establish in experiments.

It is noted that the model of crack-tip plasticity
presented in [33,34] cannot predict the exact shape of the
single crystal ‘master curve’ itself and in particular does
not show a transition to purely ductile behavior. This
must be attributed to the simplifications of this model.
The most severe simplifications in this respect are the
neglect of dislocation multiplication and of the blunting
of the crack tip. Especially in simulations, where thou-
sands of dislocations are nucleated, the blunting of the
crack tip must be taken into account. Since a blunted
crack cannot propagate through the crystal, an atomi-
cally sharp crack has to be re-initiated to permit crack
advance. For a radius of curvature of the blunted crack
tip above a few Burgers vectors, the critical stress in-
tensity for re-initiation becomes increasingly more dif-
ficult for larger amounts of blunting [39,40]. The
blunting of the crack tip is proportional to the number
of dislocations and, therefore, it is also rate dependent.
Current modelling efforts are directed towards the
quantitative determination of the contribution of
blunting to fracture toughness, impedes crack advance
and how it affects the dislocation nucleation in its vi-
cinity [39,41-43].

5. Fracture of polycrystalline tungsten rods

Polycrystalline tungsten is usually produced by
powder metallurgical roots and is commercially avail-
able in many forms. It will not be possible to review here
all varieties. With the aim of comparing to the single
crystal data, the focus is put on just one very common
variety, sintered and swaged tungsten rods. Typical for
such unrecrystallized swaged, extruded or rolled cylin-
drical rods made from bcc metals is a fairly strong (110)
fibre texture [44] and a grain structure elongated along
the axis of the rod. For the swaged tungsten used in [44]
the aspect ratio of the grains is about 4:1.

Plasticity and the failure of tungsten rods or wires
fabricated from the rods have been studied quite ex-
tensively. Data are available for various strain rates
[1,3,30-32], different loading nodes [45] and different
processing conditions [3,46,47]. Dedicated fracture
studies with notched or pre-cracked specimens, however,
are scarce. Some fracture data is available on tungsten
and tungsten-rhenium alloys [48-52] but specimen
conditions and microstructure are not well analyzed. A
few detailed fracture experiments on textured polycrys-
talline rods are available, which allow to make contact
to the single crystal experiments [25,44]. These will be
discussed in the following.

Two types of bend specimens were taken from the
swaged rods [44]. Longitudinal specimens have the long
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Table 2

Mode I fracture toughness of polycrystalline and single crystal tungsten fracture toughness (MPam'/?)

Sample Liquid nitrogen Room temperature
Longitudinal 11.5+£0.3 12.6+1.3
Longitudinal pre-deformed 19.5+0.3
Transverse 5903 8.0£0.2

{110} single crystal 2.8-3.8% 12.9-20.2¢

Data from Ref. [25].

#Range of values represents different crack propagation directions.

axis parallel to the swaging direction. Under mode I
loading the fracture planes correspond to the {110}
texture planes and are perpendicular to the long axis of
the grains. Transverse specimens have their long axis
perpendicular to the swaging direction and mode I
fracture proceeds along the swaging direction. The
measured fracture toughness from pre-cracked speci-
mens is summarized in Table 2.

The results for the longitudinal liquid nitrogen
specimen is a statistical average of specimens, one of
which did not fracture catastrophically but could be
controlled during fracture [25]. At room temperature a
value of 12.6+1.3 MPam!/?> was obtained from 13
specimens, all of which fractured catastrophically. Crack
propagation for the transverse specimens was always
stable and showed significant R curve behaviour. The
data included in Table 2 is from the first propagation
after pre-cracking. The fracture surfaces of the longitu-
dinal specimens primarily show transcrystalline cleavage
but also a smaller amount of intercrystalline fracture
which increases from liquid nitrogen temperature to
room temperature from below 10% of the fracture sur-
face area to about a third. Side cracks along grain
boundaries perpendicular to the main propagation di-
rection are observed at the location of the stopped pre-
crack or after longer jumps of the crack. The fracture
surfaces of the transverse specimens show mainly inter-
granular fracture both at liquid nitrogen temperature
and at room temperature.

Mixed mode I/II experiments conducted on longitu-
dinal specimens at room temperature [44] give results
between the longitudinal and the transverse specimens
both in the appearance of the fracture surfaces and in
measured fracture toughness.

One of the longitudinal specimens was deformed in
cyclic compression at room temperature before pre-
cracking at 77 K and toughness testing at room tem-
perature [25]. This specimen gave controlled crack
growth at a significantly higher fracture toughness
than the undeformed specimens. Nevertheless, the
fracture surface was almost entirely transgranular with
the exception of a few ‘holes’ where apparently a few
entire grains had been pulled out of the fracture sur-
face.

Because the polycrystalline material shows a {110}
fiber texture along the axis of the specimen, transgran-
ular fracture in the longitudinal samples generally occurs
on {110} cleavage planes. The weak temperature de-
pendence of the fracture toughness of the polycrystalline
material studied here is, at first, difficult to understand if
it is compared to the results for the {110} cleavage
fracture toughness of tungsten single crystals [2,9]. The
{110} fracture toughness of the single crystals rises
significantly from 2.8 to 3.8 MPam!/? at liquid nitrogen
temperature to 12.0 to 20.2 MPam!/? at room temper-
ature (see Table 2). The polycrystals give an almost
constant fracture toughness which is somewhat lower
than for the single crystals at room temperature but
three times higher at liquid nitrogen temperature.

At liquid nitrogen temperature, it could be suggested
that if the energy supplied to the system is going to
cleave {110} planes only, to a first approximation it
should not matter whether it were a single crystal or a
highly textured polycrystal. The fracture surfaces of the
longitudinal specimens loaded in pure mode I showed
some intergranular fracture, which is slightly more
pronounced at room temperature than at liquid nitrogen
temperature. Fracture on grain boundaries parallel to
the swaging axis was also observed. It is likely that grain
boundary fracture of the polycrystal absorbs a consid-
erable amount of the fracture energy. It therefore seems
justified to attribute the higher toughness of the poly-
crystal as compared to the single crystal at liquid ni-
trogen temperature to (1) the side branching of cracks
onto surfaces along the long axis of the grain structure
and (2) of course also the imperfect texture of the
polycrystal. For fracture at room temperature these
toughness increasing factors do not change much, but
the weak boundaries play a somewhat more important
role, which is manifest in the higher degree of inter-
crystalline fracture. The small grain size and the higher
dislocation density of the swaged polycrystal as com-
pared to the single crystal in this sense leads to a be-
haviour which rather compares in the toughness versus
temperature behaviour to the pre-deformed single crys-
tal. The pre-deformed single crystal also did not
show a significant dependence of fracture toughness
on temperature in this temperature regime. Further
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pre-deformation further increases fracture toughness.
However, it remains unclear whether this is an intrinsic
effect of increased dislocation activity as in the single
crystals, or an extrinsic effect due to extensive micro-
crack toughening. Certainly, the observations of the
‘holes’ on the fracture surface and the somewhat rougher
appearance of the fracture surfaces show that some of
the additional energy consumption is due to such ex-
trinsic bridging effects. The fracture toughness of the
transverse specimens and its weak temperature depen-
dence can certainly be attributed entirely to such ex-
trinsic toughening effects.

6. Summary

The fracture behaviour of tungsten has been very well
studied for single crystals. These experiments lend
themselves well as model experiments which can directly
be interpreted in terms of simple fundamental models.
The role of dislocation sources and dislocation mobility
as well as the scaling of the fracture toughness with
temperature and loading rates can well be interpreted in
terms of such simple models.

The understanding of slightly more complicated mi-
crostructures and particularly of pre-deformed single
crystals and/or textured and possibly pre-deformed
polycrystalline materials is far less well understood.
Starting from the excellent date base from the single
crystals, there is, however, great expectation that more
complicated microstructures can be interpreted similarly
well. However, significantly more experiments are nee-
ded to discriminate there between the role of disloca-
tions, microcracking, branching of the main crack and
crack bridging effects.
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